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The subgrain growth during annealing of cold-worked A1-1% Mn and AI(4N) has been 
measured in the temperature intervals 300 to 400 ~ C and 100 to 200 ~ C respectively. 
For A1-1% Mn the subgrain diameter showed a parabolic growth, while for AI the 
diameter gradually reached a constant value. The microstructural investigations which 
included in situ annealing in a high voltage electron microscope demonstrated that the 
operating mechanism for growth in the higher temperature range was collective migration 
of sub-boundary dislocations. In the lower temperature range extraction of dislocations 
was found to be the dominating mechanism, i.e. dislocations partly lying in the boundaries 
are pulled out by the stress field in the subgrain interior. The observed growth rates were 
consistent with models for these mechanisms presented in two previous papers. 

1. Introduction 
During the annealing of cold-worked materials 
polygonalization occurs, in particular in alloys 
with a high stacking fault energy, resulting in the 
formation of subgrains. The size of the subgrains 
depends on the degree of reduction during cold- 
working, annealing temperature, and annealing 
time. 

Subgrain growth can occur in two distinct 
ways: by the migration of sub-boundaries, and 
through subgrain coalescence. The migration of 
sub-boundaries results in growth which has much 
in common with conventional grain growth. The 
boundaries migrate in such a way that the large 
subgrains grow at the expense of small ones. This 
process has been discussed in detail, and a model 
for its contribution to the growth rate has been 
derived in [1]. Three mechanisms for subgrain 
coalescence by the dissolution of sub-boundaries 
were presented in [2]: collective migration, 
extraction, and emission of boundary dislocations. 
Expressions for their contributions to the growth 
rate were also given. 

Collective migration involves the simultaneous 
movement of the dislocations in a sub-boundary. 
If this movement occurs in the boundary plane in 
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such a way that the average distance between the 
dislocations increases, it can lead to thee dissolution 
of the boundary. This mechanism for subgrain 
coalescence was proposed by Li [3]. On the other 
hand, if the movement takes place in another 
direction the whole boundary will migrate, which 
can give rise to subgrain growth as pointed out 
above. Extraction means that a dislocation which 
is only partly lying in a boundary is pulled out by 
the stress field in the subgrain interior. This should 
be contrasted to the emission of a dislocation 
which is situated entirely in the boundary. 

The purpose of the present paper is to analyse 
the operating mechanisms for subgrain growth in 
A l - l% Mn and A1. Measurements are presented for 
the variation of  the subgrain size during annealing. 
These measurements are compared to models for 
subgrain growth. 

2. Experimental 
2.1. Materials 
Two materials were used in this investigation: A1- 
l%Mn and pure AI. The analysis of AI-I%Mn 
alloy was 1.10 Mn, 0.06 Fe and 0.01 Si (wt %), the 
remainder being AI. The aluminium material was 
of 4N purity, the main impurity being silicon. 
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The AI-I%Mn alloy was prepare d in the following 
way. The 37 mm thick ingot was cold-worked to 
10mm, solution treated at 640~ for 4h,  air 1.5 
cooled, cold-rolled to 2ram, annealed at 500~ 
for 10 min and quenched to obtain a grain size of 
130pm, and finally cold-rolled again to 80% 
reduction in thickness. The strips thus obtained 
were annealed for various times (5, 30, 60 and ~ 1.0 
120min) at 300, 350, 400 ~ C. The cast pure A1 
material was cold-rolled from 27mm to 2mm, :~ < 
annealed in a salt bath for 10sec at 400~ 
quenched to obtain a grain size of l l 0 p m ,  and 
finally cold-rolled to 80% reduction. To study c~ 
subgrain growth the material was then annealed ~ 0.5 
for 5, 30, 60 and 120rain at 100,150 and 200 ~ C. .m. 

2.2. Subgrain diameter measurements 
The measurements were made both in a 100kV 
(Philips 300) and a 1000kV (JEOL 1000D) 
electron microscope to take advantage of the high 
specimen tilting angles in the former and the 
higher penetration of the latter. The subgrain size 
was determined by a linear intercept analysis on 
the transmission electron micrographs. For the 
subgrain size measurements, 8 to 10 pictures were 
taken of the same area with different foil orien- 
tations so as to have different subgrains in con- 
trast successively. When a polygonized structure is 
developed, the sub-boundaries comprise regular 
dislocation networks separating misoriented 
regions, and so if a clear sub-boundary was not 
observed, neighbouring subgrains could be dis- 
tinguished by a difference in contrast. A network 
where the distance between the dislocations was 
larger than 10Ohm was not considered to be a 
sub-boundary. This corresponds to the lower 
limit of misorientation between the subgrains 
of 0.1 to 0.2 ~ No distinction has been made 
regarding the degree of perfection of a network. 
Thus after short annealing times at low tempera- 
tures there are still bondaries of  considerable "cell 
wall" character surrounded by dislocation tangles. 
These boundaries have been taken into account 
when measuring the subgrain size. For subgrain 
size data obtained from 1000kV micrographs the 
apparent diameter has been corrected for over- 
lapping of subgrains because of the thicker 
specimens used. 

3. Growth in A 1 - 1 %  Mn 
Subgrain growth during annealing of cold-rolled 
AI-I%Mn has been observed at 300, 350 and 
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Figure 1 Subgrain diameter squared versus annealing time 
at 300, 350 and 400 ~ C for 80% cold-rolled A l - l %  Mn. 

400 ~ C. The results are presented in Fig. 1. As can 
be seen, the subgrain growth is small at 300 and 
350 ~ C. The growth rate is essentially greater at 
400 ~ C, but the total range of subgrain diameters 
observed is still rather limited. It was not possible 
to proceed to longer times at 400~ because the 
specimens were then completely recrystallized. 

The substructure during annealing is illustrated 
in Fig. 2. The sequence shows specimens which 
have been heat treated for 5, 30, 60 and 120min 
at 350 ~ C. The substructure does not change very 
markedly in this sequence. The density of dislo- 
cations in the subgrain interiors is low. It is 
perhaps slightly higher for the shorter annealing 
times, but most subgrains are almost free of dislo- 
cations even for these annealing times. Since all 
micrographs have been taken under a number of 
different diffraction conditions, it has been 
possible to check that the low dislocation density 
is not an artifact due to dislocations being out of 
contrast. The low dislocation density is quite 
significant. It implies that extraction or emission 
of dislocations from the boundaries gives a negli- 
gible contribution to the growth rate. Out of the 
four mechanisms proposed for subgrain growth 
only two remain: boundary migration growth and 
growth by migration in the boundaries. It is 
obvious that boundary migration occurs. A great 
number of sub-boundaries are smoothly curved in 



Figure 2 Development of the substructure in A1-1% Mn during annealing. Quenched after (a) 5, (b) 30, (c) 60, and (d) 
120 rain at 350 ~ C. 

Fig. 2 which indicates that the boundaries have 
been migrating before the specimen was quenched. 
Boundary migration requires that migration of 
dislocations in the boundaries takes place. To what 

extent the migration in the boundaries gives rise to 
dissolution of sub-boundaries cannot be judged 
from static experiments. 

To study the operating mechanisms during 
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growth further, in situ experiments have been 
performed in the high voltage electron microscope. 
Specimens were heated inside the microscope and 
observed during annealing. It must at once be 
realized that subgrain grain growth in thin foils 
and in bulk material are not entirely equivalent. 
Growth in thin foils is affected by the presence of 
the foil surfaces and is unavoidably two-dimensional 
to a certain extent, and this will of course affect 
the driving force. Although the growth is influenced 
by the presence of the foil surfaces and thermal 
stresses, it is still believed that valuable insight into 
the operating mechanisms can be obtained from 
in situ experiments. Some of the results of this 
investigation on AI-I%Mn have been reported 
previously [4]. A sequence of micrographs is 
presented there which shows how a small subgraln 
is consumed by its larger neighbours. This occurs 
in much the same way as conventional grain 
growth, and gives evidence for the occurrence of 
subgrain growth by boundary migration. Boundary 
dissolution has also been observed in situ. This is 
also illustrated in [4]. A boundary is emitting one 
dislocation after another until the boundary is 
completely dissolved. After having left the bound- 
ary the dislocations are gliding away to other 
sub-boundaries. 

It is evident from Fig. 1 that the subgrain 
diameter D satisfied a parabolic growth law 

D :  = Dg + Kt ,  (1) 

where Do is the initial subgrain size, t the time and 
K a temperature dependent constant. Such a time 
dependence is predicted both for growth by 
boundary migration [1] and by dislocation migra- 
tion in the boundaries [3]. The constant K takes 
the following values in the respective cases; 

Kma = 3 Mrs (2) 

KMI)B = 8 M r  s (3)  

where M is the dislocation mobility for climb, and 
rs is the line tension of the dislocations in the 
sub-boundaries. These two contributions to the 
subgrain growth thus have :identical form apart 
from the numerical factor. The theory therefore 
predicts that the two' contributions will always 
appear simultaneously. It is very difficult to imagine 
that the boundary dislocations would be able to 
migrate in one direction but not in another, and it 
is thus physically quite reasonable that the two 
mechanisms appear together [2] .  For the 

1232 

numerical comparison between experiment and 
theory Equations 2 and 3 can be added 

K = l l M r  s. (4) 

This expression is independent of the sub- 
boundary angle, i.e. the misfit angle between 
adjacent subgrains. The line tension rs has been 
estimated as Gb213.5 [1] where G is the shear 
modulus and b the Burgers vector. The mobility M 
for a pure element is given by [5], 

Dsb 
Mo = TT' (S) 

where D s is the coefficient for self diffusion, and 
k T  has its usual meaning. For a solid solution an 
additional factor appears [1] 

M 

i o  
ln(Rd/r,) 

ln(Rd/rl) + Dr[lID A + 111) B exp(--AE[kT) ] ln(rt/ro) 

(6) 

The quantities in Equation 6 have the following 
meanings. Rd is the conventional cut-off radius for 
the stress fields from dislocations which is of the 
order of the distance between dislocations in the 
subgraln interior. Rd is put equal to 10-7m, 
rl ~ 3b is the radius of the near core region, where 
the diffusion is appreciably affected by the 
rearrangement of atoms around a dislocation. 
ro ~ b is the core radius. AE is the interaction 
energy between the solute atoms and the dislo- 
cation core. Dv is the diffusion coefficient for the 
alloy, D A and D ~ the diffusion coefficients for 
solvent and solute atoms respectively. For D v and 
D A values for pure aluminium have been used: 
Dv --- D A -= DA1 = D~I exp ( - -  QA1/kT) where 
D~ = 10-Sm ~ sec -I and QA1 = 128kj [6]. These 
coefficients are normafized as self-diffusion coef- 
ficients and consequently D s takes the same values. 
For D B which describes the diffusion of Mn atoms 
inthe alloy,D~an = 2.2 • 10 -s m 2 sec -1 and QMn = 
120 kJmo1-1 have been chosen [6]. 

The theoretical results are included in Fig. 1. It 
is difficult to obtain an accurate value for the 
interaction energy AE. The value used in Fig. 1 
which gives the best fit is AE = 59 kJ mo1-1 . It is 
evident that the interaction energy obtained in this 
way leads to an activation energy for the whole 
process which is in good agreement with the 
experimental results, since the temperature 



dependence of the growth rate is satisfactorily 
described. With the aid of linear elasticity theory it 
is possible to estimate AE and check whether the 
value found above is of the correct order of magni- 
tude. The following expression is obtained [7] 

3 AE = - -4G ra ~a, (7) 

where r a is the atomic radius and r& a misfit 
parameter. ~/a is related to the linear lattice expan- 
sion 61 due to a volume fraction f o f  solute atoms 

61 
? 

For Al- l%Mn,  61 is not entirely linear in f .  
About 0.4wt%Mn is expected to be in solid 
solution after the heat treatment utilized. This 
yields a value for % o f - - 0 . 1 6 7  if Hoffmann's 
results [8] for 61 are used. Inserting this value into 
Equation 7 gives AE = 41kJmol  -~ (0.43 eV). 
Linear elasticity cannot be expected to give a very 
accurate value for the interaction energy AE, since 
the strains in the core region are highly nonlinear. 
Thus the two AE values must be considered to be 
reasonably close. It can be concluded that the 
theoretical result is consistent with the sub-grain 
growth rates observed for Al-I%Mn. 

4. Growth in aluminium 
Subgrain growth has been studied at 100, 150, and 
200~ in pure aluminium cold-rolled to 80% 
reduction. The subgrain diameters measured as a 
function of annealing time are presented in Fig. 3. 
The annealing times have been scaled to 150~ 
according to a procedure which will be described 
below. This simplifies the comparison with theory. 

The data in Fig. 3 are consistent with a growth for 
which the subgrain size reaches a temperature 
independent asymptotic limit. 

In Fig. 4 the development of the substructure 
during annealing at 150~ is illustrated. The sub- 
structure before annealing is also included. It is 
evident from Fig. 4a that sub-boundaries have 
already been formed during cold-rolling. Thus 
there are narrow and sharp boundaries. In micro- 
graphs at higher magnification the internal struc- 
ture can be seen. This consists of fairly regularly 
ordered parallel dislocations with a spacing of 10 
to 100 nm. During annealing the internal structure 
of the sub-boundaries is gradually getting more 
perfect as is apparent from Fig. 4. This is even 
more obvious at 200 ~ C. 

From Fig. 4 it is evident that the dislocation 
density in the subgrain interior is decreasing during 
annealing. This comparison is possible to make, 
because the micrographs have been taken for foil 
thicknesses of the same order of magnitude. This 
decrease has also been observed at 100 and 200 ~ C. 
After the longest annealing times at 150 and 
200~ the subgrains interiors are fairly free from 
dislocations. 

In the cold-rolled condition and after the short- 
est annealing times there are still quite a few dislo- 
cation tangles, reminiscent of cell boundaries. 
However, the tangles gradually disappear during 
annealing and after the longest annealing times at 
150 and 200 ~ C practically no tangles remain. 

A qualitative change of the substructure occurs 
during the heat treatment. The internal structure 
of the sub-boundaries becomes more perfect, the 
dislocations in the boundaries are ordered and the 
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Figure 3 Subgrain diameter versus 
annealing t ime at 100, 150, and 
200 ~ C for 80% cold-rolled 
a luminium.  To confirm the theor- 
etical results different  t ime scales 
have been used at the  different  
temperatures .  The scaling corre- 
sponds to an activation energy o f  
56 kJ mo l -  1. 
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Figure 4 Development of the substructure in aluminium during annealing at 150 ~ C. (a) Before annealing; (b), (c), (d) 
quenched after 5, 30, and 120 min respectively at temperature. 
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Figure 5 Specimen (a) before and (b) after annealing in the high voltage electron microscope. The micrographs demon- 
strate subgrain coalescence without boundary migration occurring simultaneously. Thus the boundaries marked A and 
B have disappeared in (b) and so almost has C. During the annealing the dislocation network in boundaries such as D 
and E has become more ordered. 

Figure 6 The sequence shows the 
dissolution of a boundary marked 
A. This occurs by the extraction 
of boundary dislocations like "a" 
and "b". These two dislocations 
are finally absorbed bythe bound- 
ary B, Simultaneously with the 
dissolution of A a gradual decrease 
in the dislocation density in the 
subgrain interiors takes place by 
annihilation and by absorption at 
the boundaries. The latter process 
is illustrated by the two dislo- 
cations marked "c" which are 
absorbed at the boundary B. 
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tangles disappear. At the same time the dislocation 
density in the subgrain interior is decreasing. 
These observations should be contrasted with 
those for Al- l% Mn at higher temperatures, where 
although a quantitative change of the subgrain size 
took place, no qualitative modification of the sub- 
structure was seen. Compared to the Al-1%Mn 
case there is another significant difference as well. 
In Fig. 2 the sub-boundaries are curved, indicating 
that they were migrating before the specimens 
were quenched. In Fig. 4 there is little or no sign 
of migrating boundaries. Thus, out of the four 
mechanisms proposed in [1] and [2] for subgrain 
growth, either extraction or emission of boundary 
dislocations is likely to yield the dominating 
contribution. Growth by dislocation migration in 
the boundaries can be excluded, since it always 
appears together with boundary migration accord- 
ing to arguments given in the previous section. 
The probability for the emission of dislocations is 
quite low except in the initial stage of recovery 
[2]. Since some recovery has occurred already 
during the cold working the contribution from 
emission of dislocations can be expected to be 
small. In summary, the micrographs together with 
analytical estimates, suggest that the subgrain 
growth occurs by the extraction of dislocations. 

To substantiate these conclusions, further 
specimens have been annealed in the high voltage 
electron microscope. An example is shown in 
Fig. 5. The same area of a cold-rolled specimen is 
seen before and after annealing. The annealing 
temperature is of the order of 150 ~ C. Comparing 
Figs. 5a and b one finds that no boundaries have 
been migrating. However, some boundaries have 
disappeared in Fig. 5b, thus contributing to the 
growth through subgrain coalescence, for example 
the boundaries marked A and B in Fig. 5a. Some 
boundaries like C have almost vanished. During 
the annealing the nature of a number of bound- 
aries has changed. For example, D and E are 
surrounded by dislocation tangles in Fig. 5a, but 
these have disappeared to a large extent in Fig. 5b, 
and ordered dislocation networks are clearly seen. 
This is particularly apparent for the boundary D. 

The dissolution of a boundary is shown in 
Fig. 6,which is taken from the video-tape recorded 
during annealing in the high voltage electron 
microscope. The boundary in question is marked 
A. The ordering of the dislocations in the bound- 
ary A is not completed before the dissolution 
starts. The dissolution occurs by the extraction of 
dislocations from the boundary. Examples are the 
dislocations "a" and "b". It can be seen that these 

Figure 7 Extraction of a dislo- 
cation (marked "a") from a 
boundary (marked A). 
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Figure 8 Specimen (a) before and (b) 
after annealing in the high voltage elec- 
tron microscope. Simultaneous growth 
due to sub-boundary migration and sub- 
grain coalescence is illustrated. The 
positions of the sub-boundaries in (a) 
and (b) are superimposed in (c). The 
notation is explained in the text. - - - -  
before annealing; - -  after annealing. 

-,'E,, 
i I P I 

',, " 

\ / & --.. " - -  ._::~ . ~  " ~ , c , ,  , "4 .  
"~ . B ~ . ~  /" " - ' ,  

3 ,  ; 4 

(c) 

1237 



dislocations move from boundary A to B. At the 
same time as the dissolution takes place, the dislo- 
cation density in the subgrain interiors is decreas- 
ing, illustrating the close connection between the 
extraction of boundary dislocations and the 
recovery. Both annihilation and absorption at the 
boundaries contribute to the recovery. Thus, for 
example, the two dislocations marked c are 
absorbed by the boundary B. 

In Fig. 7 another sequence illustrates the 
extraction of a dislocation "a" from the boundary 
A. The segment of  the dislocation lying in the 
boundary cannot be seen on the micrographs. 

However, from the video-tape it can be confirmed 
that the dislocation is extracted from the 
boundary. 

Specimens have also been annealed in situ at 
higher temperatures of  the order of  300 ~ C. It is 
possible to study subgrain growth at higher tem- 
perature in thin foils than in bulk material, 
because the recrystaUization is strongly retarded 
by the presence of the foil surfaces [9]. An 
example is given in Fig. 8. The substructure before 
and after the annealing is shown in Figs. 8a and b. 
To simplify the comparison between the two 
micrographs, the positions of the boundaries have 

Figure 9 Growth by sub-boundary migration. The snbgrain I is gradually consumed by its neighbours. The shrinkage of 
I is followed by rearrangement of the neighbouring grains. Thus II and III are in contact at the beginning but not at the 
end of the sequence, while for I and IV the reverse occurs. 

1238 



been superimposed in Fig. 8c. A number of 
coalescence events is seen. The boundary A has 
disappeared in Fig. 8b causing the coalescence of 
the subgraln I1 and I2 to I. The subgrain II con- 
sisted of no less than four subgrains II1, II2, II3 
and II4 in Fig. 8a. The coalescence has taken place 
by the removal of the walls B1, B2, B3 and B 4. 

The size of II has increased further by the migra- 
tion of C from C' to C". Fairly complex rearrange- 
ment of subgrain boundaries has occurred in 
several instances. Examples are the subgrains III, 
IV and V. The curvature of many boundaries is 
reversed between Fig. 8a and b. The reversal may 
take place very rapidly, which makes it difficult 
to use the curvature to predict the direction of 
migration of a boundary. If this could be done, 

one would expect the walls to migrate towards 
their centre of curvature. One example of this type 
of behaviour is the small subgrain VI which has 
decreased in size. 

Growth by sub-boundary migration is shown in 
Fig. 9. The sequence illustrates how the subgrain I 
is gradually consumed by its neighbours. The 
shrinkage of I occurs in much the same way as the 
shrinkage of a small grain in conventional grain 
growth. Hence, the boundaries are migrating 
towards their centre of curvature. For several 
boundaries the centre of curvature is changing 
from one side to the other even during this short 
sequence, as for the boundary A. Another 
phenomenon frequently occurring during con- 
ventional grain growth appears in this sequence. 

Figure 10 The dissolution of a migrating boundary (marked A). The dissolution occurs in two ways, by migration of 
dislocations along the boundary towards the boundary B, which thickens during this process, and by extraction of 
dislocations, for example "a", which is absorbed by the boundary C. 
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Grains which are not in contact in the beginning of 
the sequence like II and lII, are neighbours at the 
end, while on the other hand the subgralns I and 
1V have lost contact. 

The dissolution of  a migrating boundary is 
shown in Fig. 10. The boundary under consider- 
ation is marked A. Figs. 10a to c illustrate how A 
migrates towards the boundary B, before the 
distances between A and B increases again. The 
start of  the dissolution is clearly evident from 
Fig. 10d and onwards. The dissolution occurs in 
two ways. Boundary dislocations are being pulled 
out towards C. From the tape it can be seen how 
one dislocation after the other leave B entering 
boundary C instead. One example is "a".  Some 
dislocations are also moving along the boundary 
towards A and gradually absorbed by this bound- 
ary . It is also apparent from the sequence of 
micrographs that the density of  dislocations in B is 
successively increasing. 

It can be concluded that the mechanisms for 
growth depend on the annealing temperature. At 
the lower temperatures examined no boundary 
migration takes place, and all growth is the result 
of the dissolution of boundaries. At the higher 
temperatures extensive boundary migration occurs 
as well as dissolution of boundaries. Fujita [10] in 
his in situ HVEM experiments on aluminium did 
not find any boundary migration at 150 ~ C, but he 
frequently observed migration above 300~ in 
agreement with the present studies. 

5. Comparison with the model 
In the discussion above only evidence from growth 
by extraction of dislocations from the boundaries 
has been found in the temperature interval 100 to 
200 ~ C, where the growth rate was measured for 
pure aluminium. The theoretical model derived for 
this mechanism in [2] yields the following growth 
rate, 

dD 
- -  = Mrd)ph//a, (8) 
dt 

where ~b is the inverse of the fraction of the dis- 
tance traversed by climb for an extracted dislo- 
cation, p is the dislocation density in the subgrain 
interior, and h is the average distance between the 
dislocations in a sub-boundary./a is a constant of 
about 2 to 3. The recovery occurs in two steps, 
one rapid and one slower, where pair annihilation 
and absorption at the boundaries respectively are 
the dominating processes [2]. Since in the present 
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case recovery has taken place during the cold 
working, and well developed sub-boundaries have 
been formed, the first step is assumed to be com- 
pleted before the start of the annealing. Thus, the 
behaviour during the second step is assumed to 
prevail. Under these condition the growth can be 
described by the following implicit equation [2] 

D - - D o + D 1  In D 1 - - D  
D1 --Do 

= (t -- to) (9) 
o 1 ( 1  - fi/3) 

D~/3 
where D1 - 

a being a constant related to the initial subgrain 
diameter, Do, and growth rate./3 is the fraction of 
the total driving force acting on the dislocation. 
The relationship above is plotted in Fig. 3. The 
values of the parameters used are Do = 0.71/am, 
fl = 0.5, a = l0 s m -s/6 ,  ~b = 103 and r = 10 -9 N. 
For the dislocation mobility M the values 9.4 x 
10 -11 , 8.4 z 10 -l~ and 4.3 x 10-9m2N -1 sec -1 at 

100, 150 and 200~ respectively have been 
applied. With the aid of the expression given in 
Equation 5 the mobility M can be evaluated. For 
D s values have been taken from [6] (D o = 10 -s 
m 2 sec -1 ,Q = 127 kJ mo1-1 ,D s =Ds~ exp ( - -Q/RT)) .  

The resulting values for M are 7.5 x 10 -~3 (100 ~ C), 
8.5 X 10 -11 ( 1 5 0  ~ C),  and 3.5 x 10 -9 m 2 N -1 sec -1 
(200 ~ C). The values for D O and Q are only valid 
down to 330 ~ C, and the extrapolation to still 
lower temperatures can be expected to under- 
estimate D s because of a too large activation 
energy. In fact the activation energy for the M 
values used in Fig. 3 is 56 kJ mo1-1 . This activation 
energy is very close to that observed for vacancy 
migration Which might indicate the presence of a 
supersaturation of vacancies. Such a supersatur- 
ation, which is not entirely unexpected considering 
the large reduction used in the deformation, would 
also explain the enhancement of the mobility 
values compared to the theoretical ones. The high 
value means that the extracted dislocations only 
climb over distances which are short compared to 
the subgrain diameter, when crossing the subgrains 

at these temperatures. Although it is not explicitly 
taken into account, one can expect that q5 increases 
with decreasing temperature. 

Using the same mobilities the contribution 
from the collective migration of dislocations can 



be evaluated. It is found that it increases approxi- 
mately linearly with time to a value which is less 
than 0.05/sin for the longest times shown in 
Fig. 3. Howerver, as the temperature increases and 

decreases, the contribution from the collective 
migration becomes more significant. 

Subgrain grain growth in pure aluminium has 
been measured at 200, 300, 350 and 400~ by 
Beck et  al. [11]. The same amount of cold 
reduction was used as in the present experiments. 
Beck et  al. [11] claim a purity in their material 
which is even higher than in the present investi- 
gation. It is highly unfikely that this is really the 
case for two reasons. Firstly, our material is com- 
pletely recrystallized after only a few minutes at 
300~ and above. Secondly, no measureable 
growth was detected at 200~ by Beck et  al. The 
operating mechanisms for the growth observed at 
300, 350, and 400~ cannot be judged with 
certainty. However, two facts suggest that 
collective migration of boundary dislocations is 
the main process: no limiting subgrain size was 
obtained, and the dislocation density in two 
micrographs presented appears to be low. 

If the data by Beck et  al. [11] are plotted in a 
diagram where D 2 is given as a function of time, 
one finds that the K value, i.e. the slope of  the 
curves, decreases as a function of time. This is 
probably an indication of the presence of a back- 
stress due to impurities as was discussed in detail 
in [1]. The initial slopes are then closer to the 
theoretical values than those obtained later during 
growth. The theoretical values for K(=  l lMrs)  
are 5.9 • 10 -is (300 ~ 4.6 • 10 -~4 (350 ~ 
and 2.7 • 10 -13 m 2 sec -I (400 ~ C). These should 
be compared to the initial slopes obtained experi- 
mentally: 1.5 • 10 -Is (300 ~ C), 8.0 • 10 -~s (350 ~ 
C), and 5.8 • 10 -14 m ~ sec -I (400 ~ The 
measured values are only larger by a factor of  
about five. Taking into account that the growth is 
probably influenced by the presence of the back- 
stress also in the initial stages of growth, this must 
be considered to be reasonable agreement. 

6. Conclusions 
Experimental findings for AI-1%Mn and pure A1 
have been compared to mechanisms proposed for 
subgrain growth. From the observed dislocation 
structure it can be concluded that different mech- 
anisms are operating in different cases. For 
AI-I%Mn collective migration of boundary dislo- 
cations is the dominating mechanism. For the 

observations made in the present investigation on 
pure AI at 100 to 200 ~ C, the growth occurs by 
the dissolution of boundaries through the 
extraction of boundary dislocations. A high purity 
material was used, and it was not possible to 
observe growth at 250~ and above, because the 
material recrystallized rapidly at such tempera- 
tures. However, Beck et  aL [11 ] have measured 
growth in ahtmimum with a different impurity 
content at 300,350 and 400 ~ C. Their observations 
suggest that collective migration of boundary 
dislocations is the dominating mechanism in this 
case. Thus a change in mechanism occurs, when 
going from the temperature interval 100 to 200 ~ C 
to 300 to 400 ~ C. 

The measured subgrain growth rates for 
AI-I%Mn and A1 have been compared to the 
models proposed for the operating mechanisms 
[1, 2]. It has been found that these models are 
consistent with the growth rates observed. 

The subgraln growth rate varies substantially 
as a function of temperature. However, the range 
of subgraln sizes observed is rather limited. The 
reason is in ter ference due to recrystallization. 
Attempts to use longer times to obtain larger 
subgrain sizes have been unsuccessful. After 
reaching a certain average subgrain diameter, 
recrystallization occurs. This is consistent with 
a model for nucleation of recrystallization [12] 
which says that a critical subgrain size is required, 
before the recrystallization carl start. It is of 
course sufficient that the largest subgrain has 
reached the critical size, the average size may still 
be smaller. 
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